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Interface evolution in metal-matrix composites is a thermodynamic necessity and interface
design a kinetics challenge. The synergistic interaction between processing science and
surface engineering has led to considerable progress in understanding, modelling and
tailoring the fibre—matrix interface at the microstructural, crystallographic and atomic levels.
The chemical, morphological, crystallographic and thermoelastic compatibilities between
the fibre and the matrix influence the interfacial adhesion strength. This article examines the
role of material properties and fabrication conditions in chemical interactions between the
fibre and the matrix in metal-matrix composites synthesized using the solidification and
casting techniques.  1998 Chapman & Hall
1. Introduction
Interfaces constitute an important microstructural
feature of composite materials. They are transition
zones of finite dimensions at the boundary between
the fibre and the matrix where compositional and
structural discontinuities can occur over distances
varying from an atomic monolayer to over five orders
of magnitude in thickness. As the inherent properties
of the fibre and matrix materials in a composite are
fixed, the greatest latitude in designing bulk composite
properties is realized through tailoring of the interface
(this is not strictly true, however, because processing
conditions which lead to interface development also
usually modify both the fibre properties as well as
metallurgy of the matrix as discussed later). The devel-
opment of an optimum interfacial bond between the
fibre and the matrix is, therefore, of central import-
ance. The nature and the quality of the interface
(chemistry, morphology, strength and adhesion) are
determined by factors both intrinsic to the fibre and
matrix materials (chemistry, crystallography and
defect content) as well as extrinsic to them (time,
temperature, pressure, atmosphere and other fabrica-
tion-related variables). In the case of metal-matrix
composites, a moderate amount of chemical interac-
tion between the fibre and matrix improves wetting,
assists liquid-phase fabrication of the composite and
enhances the strength of the interface which in turn
facilitates transfer of external stresses to the strength-
ening agent, i.e., the fibre. However, an excessive
chemical reaction would degrade the fibre strength
and defeat the very purpose for which the fibres were
incorporated in the monolith. On the other hand, if
toughening rather than strengthening is the objective,
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as in brittle matrix composites, then creation of
a weak interface is desired so that crack deflection and
frictional stresses during sliding of debonded fibres
would permit realization of toughness. Thus, matrix
interface and fibre properties must all be considered in
composite design together with the fibre—matrix—in-
terface interactions which usually modify the overall
composite performance. This article reviews some
basic aspects of evolution of interfaces in selected
composites synthesized using the liquid-phase fabrica-
tion techniques.

Bonding at the fibre—matrix interface develops from
physical or chemical interactions, interfacial frictional
stresses, and thermal stresses due to mismatch be-
tween the coefficients of thermal expansion (CTEs) of
fibre and matrix materials. In many metal-matrix sys-
tems, improvements in wetting and bonding can be
achieved by a chemical reaction that yields as product
phases chemical compounds (e.g., spinels or other ox-
ides isostructural with spinel) which form strong
bonds with both metals and ceramics. In contrast, in
the case of brittle-matrix composites, recipes designed
to improve the wetting at the fibre—matrix interface
could induce too high a bond strength which will
confer poor toughness on the composite. Thus a deli-
cate balance between several conflicting requirements
is usually necessary in order to tailor interfaces for
a specific application with the aid of surface engineer-
ing and processing science.

Chemical interactions between the fibre and matrix
manifest themselves in a variety of forms, e.g., interdif-
fusion and solute segregation, dissolution—precipita-
tion, adsorption and reaction product formation.
Chemical interactions often result in the formation of
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intermediate non-equilibrium phases during evolution
of interface to a more stable configuration (interfaces
are thermodynamically unstable, and morphological
and structural transformations continue well after fab-
rication). Besides chemical interactions between the
fibre and the matrix, the thermoelastic compatibility
between the fibre and the matrix must also be con-
sidered. A large CTE mismatch between the fibre and
the matrix can give rise to large thermoelastic clamp-
ing stresses (compressive on the fibre when its expan-
sion coefficient is smaller than that of the matrix)
during cooling from the fabrication temperature.
These stresses could give rise to interfacial cracking if
the matrix cannot accommodate these stresses by
plastic flow or dislocation generation. Intriguing new
concepts which employ interface modification
through compliant layers are being explored [1, 2] in
advanced fibre-reinforced composites for high-tem-
perature applications. The primary objective of these
compliant layers is to reduce the CTE mismatch-in-
duced thermal stresses and to improve the interface
strength while providing adequate protection to the
reinforcement against chemical degradation in react-
ive matrices. Finally, mechanical keying and inter-
facial friction could be caused by rough topography of
the interfacial zone which arises either owing to
growth-related surface flaws in the virgin fibre itself or
owing to chemical-reaction-induced fibre surface re-
construction. The interfacial shear strength due to
a purely frictional bond is, however, inferior to that
due to chemical bonding.

The chemical interactions between the fibre and the
matrix drastically alter the fibre properties and the
metallurgy of the matrix. For example, the extent of
fibre strength degradation due to chemical reactions is
directly related to the amount of interfacial reaction
[3—11]. Likewise, the consumption of valuable matrix
solutes in interfacial reactions could impair the age-
hardening response of the composite. The influence of
interfacial reactions on fibre strength is established by
correlating the strength of metal-coated fibres, or
fibres extracted from the matrix of a composite mater-
ial after suitable heat treatment, either with the thick-
ness of the reaction zone [12] or with annealing
conditions [13]. The propensity for and the extent of
the fibre—matrix interaction depends upon the matrix
chemistry, the fibre properties and the test conditions.
From a materials development standpoint, under-
standing and controlling the interfacial phenomena in
practical composite systems is a basic requirement for
developing structurally viable metal-matrix com-
posites.

2. Wettability
Wettability governs the fibre-matrix compatibility
and is traditionally characterized in terms of an angle
of contact that the liquid makes on the solid (Fig. 1).
The well-known Young—Dupré equation [c

17
cos h#

c
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] defines the equilibrium contact angle h in

terms of mechanical equilibrium of interfacial tensions
c
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, c
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and c
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at the liquid—vapour, liquid—solid
and solid—vapour boundaries, respectively. Other
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Figure 1 Diagram showing the concept of a wetting angle in terms
of interfacial tensions at a three-phase junction.

measures of wettability are work of adhesion and
wetting coefficients [14]. The concept of a work of
adhesion is particularly useful in the study of com-
posite interfaces, and is defined from ¼

!$
"c

17
(1#cos h). A high work of adhesion indicates good
wetting whereas a low work of adhesion indicates
poor wetting. The problem of spreading wetting has
been studied from both a fluid mechanics point of view
as well as a surface physics point of view [15, 16].

In a strict thermodynamic sense, the Young—Dupré
equation applies only to ideal surfaces, i.e., surfaces
that are chemically and topologically homogeneous.
Real surfaces, however, seldom conform to the con-
cept of ideal surfaces. Chemical and structural in-
homogeneities [17, 18] are the principal sources of
non-ideality; these inhomogeneities give rise to ther-
modynamic (time-independent) hysteresis (e.g., due to
surface roughness) and kinetic (time-dependent) hys-
teresis (e.g., due to chemical potential gradients). Fur-
thermore, as the instantaneous value of contact angle
depends upon the velocity of the contact line [14,
19—21], the dynamic angle is generally different from
the static or equilibrium angle [22, 23]. Many com-
mercial fibres contain growth-related surface flaws
(e.g., surface asperities) which give rise to a microscop-
ically ‘‘rough’’ surface. At large spreading velocities
(i.e., at large capillary numbers Ca"lº/c

17
, (where

l is the viscosity and º is the meniscus velocity), the
liquid meniscus virtually ‘‘slips’’ over the asperities
without penetrating the wedges between surface as-
perities. On the other hand, at low velocities, the
wetting front is temporarily anchored to an asperity
before breaking loose and moving quickly to the next
anchor. Under these latter conditions, inertial forces
become important in addition to viscous and surface
forces. The wetting angles on completely wettable,
topologically rough surfaces are related to equilibrium
wetting angles by the Wenzel [24] equation (cos
/"r cos h, where r is the ratio of the true wetted area
to the apparent area, and a is an apparent contact
angle). However, if roughness consists of sharp
grooves, partial rather than complete wetting will re-
sult, and the Wenzel equation will not be valid. The
surface roughness is characterized using a pro-
filometer in which a stylus tip traces the surface profile



(wavelength and amplitude). This allows mathematical
functions to simulate the surface roughness, e.g., a co-
sine profile with a Gaussian distribution of amplitudes
[25]. Roughness may be important in other ways too;
for example, the actual length of the contact line will
increase because of roughness and, in the case of react-
ive fibre—metal systems, a larger surface area of contact
will enhance the extent of chemical interaction.

The reinforcement surface is frequently modified by
pre-treatments and coatings prior to composite fabri-
cation; however, if the fibre surface transformation is
incomplete, complex patterns of non-wetting and wet-
ting regions would form on the fibre surface. Under
these conditions, wetting hysteresis is observed owing
to chemical or structural inhomogeneity [26—28]; hys-
teresis exists only if the scale of the inhomogeneity is
such that the ‘‘stick—slip’’ motion of the liquid is not
overcome by the amplitude of thermal wandering of
the liquid meniscus (minute surface defects of
nanometre size can distort and pin the contact line
[27]). The wetting angles measured using the classical
sessile drop technique depend upon the liquid volume
in the droplet (drop size effect) [29]. Also, the mecha-
nical equilibrium of a droplet resting on a flat solid
surface can be violated if the normal component of the
interfacial tension c

17
sin h is large enough to cause

deformation of the substrate [30—32]. While the
Young—Dupré equation defines macroscopic wetting
angles, in many systems, the macroscopic wetting
front is spearheaded by a thin ‘‘foot’’ or a ‘‘precursor
film’’. In such a case the macroscopic wetting angle is
replaced by microscopic wetting angles which, in the
general case, do not follow the Young—Dupré equa-
tion [33]. The precursor film is formed when the liquid
has a finite non-zero curvature near its periphery
owing to local molecular forces. In chemically reactive
systems such as Cu—Sn, Fe—Sn, Cu—Zn, Fe—Cu and
(Cu—Cr)—C couples [34, 35], reaction product phases
form ahead of the wetting front by the process of
surface diffusion and/or by evaporation—condensation
and alter the interfacial equilibria. In spite of all such
limitations and exclusions, the concept of wetting
angles as defined by the Young—Dupré equation is
useful in a wide variety of materials processes. The
application of classical surface thermodynamics to
kinetics of braze spreading and melt impregnation of
sintered porous bodies [36—40] has led to consider-
able insights into these processes.

Wettability measurements on bulk solids may not
be representative of wettability of solids in the form of
fibres and particles and, as such, direct measurements
(sessile-drop test) on compressed powders may not be
reliable. In such cases, wettability is characterized by
measurement of pressure for liquid displacement in
powders beds, by liquid intrusion porosimetry or by
dynamic measurements of rate of capillary penetra-
tion. In another method, called the ‘‘immersion’’ tech-
nique or the ‘‘dip-coverage’’ method, the fraction of
area wetted is measured after the solid is withdrawn
from the melt [41, 42]. The fraction area covered
versus time plots are usually S shaped (sigmoidal)
and are consistent with a time-dependent nucleation
and growth mechanism of wetting [41, 42].
3. Prediction of interfacial energies
The wetting of ceramics by liquid metals is influenced
by a number of variables such as heat of formation,
stoichiometry, valence electron concentration in the
ceramic phase, and the temperature, time, atmosphere,
roughness and crystallography of the ceramic phase
[43—53]. It is well known that the work of adhesion
between a ceramic and a metal decreases with increas-
ing heat of formation of carbides. The high heat of
formation of stable carbides implies strong in-
teratomic bonds and correspondingly weak interac-
tion with metallic melts (poor wetting). Thus, highly
ionic ceramics such as alumina are relatively difficult
to wet since their electrons are tightly bound; the
interfacial energy between alumina and metals in-
creases roughly with increasing cohesive energy
(melting point) of the metal. Metallic and covalent
bonds are more similar in character and covalently
bonded ceramics are more easily wetted by metals
(and are more likely to react with metals) than highly
ionic ceramics. High valence electron concentration
generally implies lower stability of carbides and im-
proved wettability between ceramics and metals. High
temperatures and long contact times usually promote
chemical-reaction-induced wettability. Gas adsorp-
tion on solids, impurity segregation, and surface defect
structure all influence the interfacial energy of solids.
Suboxide surfaces created by electron irradiation, ion
bombardment or thermal decomposition are chemic-
ally reactive and display increased wetting by metals.
Numerous studies have been carried out to measure
and enhance the wetting of ceramics with metals
[54—95], and the role of wetting and capillary phe-
nomena in solidification processing of composites has
been extensively reviewed [50, 53, 95—100].

The modelling and prediction of interfacial energies,
work of adhesion and contact angles have been a focus
of many studies [43, 96, 97, 101—106]. Earlier models
[105, 106] considered wetting to be related to the
oxygen affinity of metals, with the work of adhesion,
¼
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, determined by the ionic and van der Waals

bonding. These models, however, ignore chemical in-
teractions and predict that ¼

!$
should decrease with

increasing temperature, but often the opposite behav-
iour is observed. The thermodynamic models based
upon an equation-of-state relationship [107—109],
which were originally developed for low-energy or-
ganic systems, have been applied with limited success
to ceramic—metal couples [110—113]. Here, an equa-
tion of state of the form c
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"f (c
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, c
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) is formulated

and is used in conjunction with Young—Dupré equa-
tion, and experimental measurements of c

-7
and h, to

determine the other interfacial energies. The relation-
ship between work of adhesion and fracture energy (an
experimentally accessible parameter) is also used
[114, 115]; however, plastic deformation, coherency
strains and interfacial roughness tend to yield values
for the work of adhesion which are overestimates.

The interfacial segregation of surface active solutes
is an important consideration in theoretical pre-
dictions of wetting behaviour. Segregation occurs
when the impurity causes a decrease in the surface
energy; the component with the lower surface energy
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preferentially segregates at the interface in agreement
with the Gibb adsorption equation. For example, in
Al—Mg alloys, the surface tension of Mg is lower than
that of Al at the latter’s melting point, and surface
segregation of Mg leads to breakdown of protective
surface oxide film. Theoretical models for surface seg-
regation of solutes employ the Gibbs adsorption equa-
tion, the Langmuir—McLean equation [53], and the
Miedema model [116, 117]. As most of these models
were developed for grain-boundary and surface segre-
gation in solids, their application to interfacial segre-
gation in ceramic—metal composites has been of
limited use. Segregation is also affected by the inter-
face structure, the lattice mismatch and the presence of
misfit dislocations. The difficulty in analysing inter-
facial segregation is compounded in multicomponent
alloys because the local flux of each component de-
pends upon the composition gradient of all other
components in the system. Finally, atomistic models
of interfaces (cluster calculations, supercell models and
the ‘‘jellium’’ model) have also been developed. While
these models are theoretically interesting in under-
standing the physics of interfaces, at present they are
of limited utility in designing interfaces in real com-
posites where interfacial segregation, chemical reac-
tions and relatively large lattice disregistries render
theoretical predictions difficult.

4. Wettability and interfacial reactions in
selected systems

Wetting and interfacial adhesion are promoted by
dissociation of surface oxides, chemical dissolution
and interfacial compound formation, and interfacial
adsorption of surface active solutes without chemical
reaction product formation [43, 44, 55, 56, 96,
115—128]. It is generally believed that the higher the
reactivity in a system, the better is the wetting. How-
ever, a key factor in wetting is not just the intensity of
the reaction but also the wetting properties of the
resulting interface [101, 102]. In fact, wetting and
reactivity may vary in opposite directions [101]. Thus,
a criterion for selecting an alloying element to pro-
mote wetting is not just its reactivity with the solid but
also its ability to form a wettable interphase at the
interface.

4.1. Carbon—metal systems
4.1.1. Wettability
Carbon is a covalent high melting-point solid that is
characterized by closed stable electron configuration
and high-strength interatomic bonds. Considerable
differences exist in the wetting of carbon by liquid
metals [35, 65—68, 71]. Transition metals show strong
adhesion to carbon, and the work of adhesion is large
(typically 20—25 Kcalmol~1) owing to chemical inter-
actions. On the other hand, metals of the secondary
subgroups-B in groups IV, V and VI of the periodic
table (Cu, Ag, Au, Zn, Cd, In, Ge, Sn, Pb, Bi, Se, Te,
etc.) show small chemical affinity for carbon and poor-
ly wet it. In the absence of chemical interactions,
weak physical dispersion forces dominate the wetting
1962
Figure 2 Variation in the wetting angle of Si on different carbon
substrates as a function of time [62]. (s), vitreous carbon rod,
cross-section; (n), vitreous carbon rod, longitudinal; (d), pyrolitic
graphite, 0001 plane; (m), pyrolitic graphite, 1000 plane.

behaviour; as a result, wetting is poor. Alloying ele-
ments improve or impair the wettability depending
upon their surface activity. Thus, magnesium in Al
improves the latter’s wettability with carbon remark-
ably, and wetting angles in the range 20—55° are ob-
tained at 1100 °C [65]. Similar improvements in
wetting occur when Al is alloyed with Ta, Ti, Hf, Zr
and Cr [35, 66, 67]. On the other hand, Be in Al tends
to impair the wetting of C with Al by increasing the
tenacity of the oxide film on molten Al [48, 129] which
prevents establishment of true contact between the
metal and carbon.

In the case of copper on graphite, alloying Cu with
Cr, V, Hf, Zr, Co and Fe [35, 68—70] reduces the
contact angle. In the Au—C system, the additions of
nickel to gold modifies its interface with graphite by
segregating at the interface and forming an adsorbed
layer [130]. In the wettable C—Si system, a vigorous
exothermic reaction takes place which is accompanied
by a decrease in wetting angle to near-zero values
(Fig. 2); the nature of carbon substrate (e.g., pyrolytic
or amorphous) together with the atmosphere and
temperature influence the wetting angles [62]. The
wettability of carbon with metals is enhanced by heat
treatment and surface coatings. Heat treatment raises
the solids surface energy by causing desorption of
adsorbed contaminants [95]. Surface modification by
coating deposition enhances the wettability and/or
creates a diffusion barrier to inhibit strength-limiting
interfacial reactions. Metallic coatings on carbon and
other reinforcements in Al [82, 95, 131—135], Pb—Sn
and Zn [72], oxide coatings on C fibres in Mg [73,
74], ceramic overlays (C/SiC, C/TiC, C/TiN) on
C fibres in Al [75], and fluoride (K

2
ZrF

6
) coatings on

carbon fibres in Al [76, 129] are some common coat-
ing materials for carbon. In the C—Mg system, wetting
is improved significantly by adding fine particles of
Mg nitride to the matrix metal [77], by electrolytically
depositing metal coatings on fibres [78], and by va-
pour-phase deposition of titanium and Ti—B com-
pounds [79, 80] on fibres. Other techniques make use
of modification of C fibre reactivity by alkali metal
intercalation [81], and deposition of sol—gel-grown



Figure 3 Photomicrograph showing extensive attack of carbon par-
ticles by an Al—Ti alloy [135].

homogeneous oxide films such as zirconia [83, 84]. In
the sol—gel coating process, an ultrafine suspension
of an appropriate alkoxide is gelled in the presence of
the reinforcement. The viscous gel nucleates on the
reinforcement surface to form a continuous adherent
coating. During composite fabrication, however, the
temperature and time of exposure must be carefully
controlled to prevent rapid degradation of the coating.
Chemical reactions of certain zirconia containing
fibres (e.g., DuPont’s PRD 166 fibres) with molten Al
[136] and Ni—Al [137] alloys result in extensive reac-
tion of zirconium oxide with Al.

4.1.2. Interfacial reactions
In the C—Al system, only one stable carbide Al

4
Cl

3
forms; however, the reaction path leading to forma-
tion of Al

4
C

3
could involve intermediate metastable

phases. Because of its extreme affinity towards oxygen,
liquid Al is covered by a thin (native) oxide film which
reacts with carbon to form metastable aluminium
oxycarbides. Carbon diffuses through this layer into
the liquid which becomes supersaturated with respect
to Al

4
C

3
and this carbide is precipitated in the liquid

ahead of the aluminium oxycarbide layer. Small addi-
tions of Ti to Al modify the reaction, yielding first
a precipitation of small TiC particles (Fig. 3) which
nucleate heterogeneously on already existing Al

4
C

3
crystals. At higher Ti contents, Ti

2
AlC and TiAl

3
phases precipitate from the liquid and react with
Al

4
C

3
to form titanium carbide. As a result, the Al

4
C

3
phase dissolves and titanium carbides are precipitated
by homogeneous nucleation in the liquid metal. Dur-
ing infiltration of graphite fibres by Al—Ti melts,
a large number of TiC crystals form at the entrance
region of the preform which reduce the permeability
and impede the infiltration [138]. The reaction to
form TiC also decreases the titanium content in the
liquid and TiC formation further in the preform is
inhibited. The reaction continues to the point where
either the Ti content becomes sufficiently low to ren-
der Al

4
C

3
more stable or until all the graphite is

consumed. The formation of brittle and hygroscopic
aluminium carbide leads to strength degradation in
the C—Al composites.

In the C—Mg composites, no gross reaction prod-
ucts are usually detected, although magnesium
carbide (MgC

2
and Mg

2
C

3
) formation is thermodyn-

amically feasible [139]. On the other hand, when
lithium is present in magnesium as an alloying ele-
ment, C fibres react with the matrix, yielding the
brittle carbide (Li

2
C

2
) which results in fibre cracking

and strength loss [140, 141]. In graphite—copper com-
posites, chromium is added to improve the wettability
and facilitate infiltration owing to formation of a chro-
mium carbide layer at the interface [142]. Differences
in the crystal structure, stoichiometry and purity of
carbon result in different levels of strength loss owing
to chemical attack; for example, strength degradation
is less in pitch-based C fibre than in polyacrylonitrile
(PAN) based fibres when aluminium is used as
a matrix material.

4.1.3. Control of interfacial reactions
The chemical degradation of carbon fibres in metal
matrices can be reduced by controlling the process
parameters and/or by suitable matrix alloying, e.g., by
alloying Al with Si or Ti in graphite—(Al—Si) and
graphite (Al—Ti) composites, respectively [143]. Reac-
tion barrier coatings on carbon also inhibit strength-
limiting interfacial reactions. Carbon and graphite
fibres coated with silica, silicon carbide, titanium and
boron are used in aluminium and magnesium ma-
trices. The range of coatings on carbon includes meta-
ls (Cu, Ni, Ag, Cr, B, Mo, Si and Ta), borides (TiB

2
,

ZrB
2

and HfB
2
), carbides (SiC, TiC and ZrC), oxides

(ZrO
2
), and nitrides (BN and TiN) [144—153]. Elec-

troplating, electroless plating, chemical vapour depos-
ition (CVD) physical vapour deposition (PVD),
thermal decomposition, sputtering and melt immer-
sion are common coating methods. Process control
during coatings deposition is important because fibre
damage due to coating deposition, and exothermic
reactions between metal and coating material could
degrade the fibre strength. Multilayer, multifunctional
coatings are deposited to create wettable interphases,
diffusion barriers and stress-absorbing compliant
layers. Thus, PAN-based high-strength C fibres have
been coated with various double layers consisting of
a carbon underlayer and a ceramic overlayer such as
C/TiC, C/TiN, C/SiC, followed by a final coating of
a Ti—B mixture for compatibility with molten Al [154].

Titanium and boron are effective reaction barriers
(and good wetting agents) in Al and Mg melts, but
they are not air stable and undergo oxidation in air
atmosphere with the passage of time, leading to degra-
dation of fibre strength [149—151]. Oxide coatings
such as silica on carbon dissolve in magnesium alloys
together with the formation of Mg

2
Si and MgO

particles. Interfacial reactions suppress formation of
certain alloy phases in the matrix because of the con-
sumption of solutes in the reaction which upsets the
bulk matrix concentration [155, 156]. The matrix me-
tallurgy and its influence on post-fabrication heat treat-
ment such as age hardening is then drastically altered.
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Figure 4 Wetting angle in the SiC—Al system as a function of tem-
perature: curve 1, [160]; curve 2, [87]; curve 3, [167]; curve 4, [164];
curve 5 [43].

Reinforcing light alloys such as Mg—Li and Al—Li
with carbon fibres could yield high-specific-strength
materials for structural applications. Because the
Mg—Li—C system is thermodynamically unstable [140,
141], a pyrocarbon coating on the fibre is used to
provide an effective barrier against lithium penetra-
tion into the C lattice. In the absence of a pyrocarbon
coatings, Li atoms rapidly enter the graphite lattice at
elevated temperatures and, after losing their electrons,
they migrate as Li` ions through the carbon lattice by
a thermally activated diffusion process. The most fa-
vourable routes for diffusion are the directions parallel
to the basal (hexagonal) planes; diffusion of Li` ions
across the basal planes is energetically unfavourable
[157]. The pyrocarbon layers on carbon fibres are
such that the basal planes of the coating are parallel to
the c axis (long axis) of the underlying carbon fibre.
The pyrocarbon layers from hydrocarbon precursors
consist of benzene-type hexagons that form planar
blocks oriented mainly parallel to the carbon fibre.
Thus, relatively well-organized sheet texture of depos-
ited pyrocarbon layers will limit lithium penetration
and fibre embrittlement [158]. While the pyrocarbon
layers protect the fibre, they tend to impair the fibre—
metal wettability. The deposition of an outer SiC coat-
ing on the pyrocarbon layer restores the wettability.

4.2. Silicon carbide—metal systems
4.2.1. Wettability
Wetting angles in the SiC—metal systems have been
measured as a function of alloying [86, 159—167],
contact time [87, 164—167], temperature [87, 163,
165], atmosphere [96, 160] and SiC type (e.g., hot
pressed, reaction bonded, single crystal [63]). In gen-
eral, a transition from non-wetting to wetting occurs
at high temperatures because of dissociation of surface
oxides. Fig. 4 shows the reported temperature depend-
encies of contact angle in some SiC—metal systems. In
the SiC—Al system under vacuum, a reaction of Al
with the surface oxides produces gaseous suboxide
Al

2
O which erodes the oxides and establishes direct

physical contact between SiC and metal. With a native
surface oxide film (silica) on SiC, Al oxidation takes
place and wetting is impaired owing to generation of
alumina. As the reduction of silica by Al and forma-
1964
tion of poorly wetting alumina could occur before
attainment of equilibrium wetting, silica coatings may
not be effective in promoting the wettability [103];
however, the influence of silica on wettability depends
also upon the Mg content in the Al alloy (alloying Al
with Mg improves SiC—Al wettability). In the Cu—SiC
system, copper decomposes SiC and strongly dissolves
into it [87]; the bonding between SiC and Cu is,
however, inferior to bonding between Al and SiC.
Pure metals such as Au, Ag or Sn do not wet SiC;
however, a dramatic decrease in wetting angle is ob-
tained by small additions of Ti or Si which promote
wetting [168]. When the surface of silicon carbide is
coated with metals such as copper and nickel, the
threshold pressures for infiltration with Al is reduced
and infiltration kinetics are enhanced because Cu and
Ni wet Al and form solid solutions and/or intermetal-
lic compounds [169, 170]. Similarly, titanium addi-
tions to Si in the SiC—Si system suppress the formation
of silica and free carbon, and promote wetting and
bonding [171].

4.2.2. Interfacial reactions
The chemical stability of SiC in molten alloys, princi-
pally Al based, is important owing to the commercial
potential of the SiC—Al composite material [158, 159,
172—200]. SiC reacts with Al to form brittle alumi-
nium carbide (Fig. 5) which degrades the composite
properties. The chemical reaction and the correspond-
ing free-energy change are

3SiC(s)#4Al(l)"Al
4
C

3
(s)#3Si

G"113 888!12.05 ln ¹#8.91]10~3¹2#21.51¹

#7.53]104 ¹~1#3R¹ ln asi

The enrichment of the metal with silicon released from
the carbide dissolution reaction lowers the liquidus
temperature of the alloy and modifies its metallurgy.
The rate of carbide dissolution reaction can be re-
duced by enrichment of the melt with free Si. In the
case of Al—Si alloys, the equilibrium Si level increases
from 8.4 wt% at 607 °C to 12.8 wt% at 827 °C [199];
so, if the Si content reaches these levels at the respect-
ive temperatures, the carbide dissolution reaction will
become thermodynamically unfavourable. X-ray dif-
fraction, wet chemical analysis, measurement of
change in liquidus temperature, and various surface
analytical techniques are used in conjunction with
thermodynamic, kinetic and atomic models to study
the reaction and bonding in the SiC—Al system. In the
case of oxidized SiC, the oxide film thickness deter-
mines the reaction path. With a thin native oxide film
on SiC, aluminosilicates and amorphous alumina
from in Al-matrix composites; however, once SiO

2
is

consumed, Al
4
C

3
forms. With a thick ('5 nm) oxide

layer on SiC, only aluminosilicates and alumina
form [201—203]. When Al is alloyed with both Si
and Mg, the reaction kinetics are enhanced and
product phases (alumina, Al

2
SiO

5
, Al

6
Si

2
O

13
or

MgAl
2
O

4
) form. With oxidized silicon carbide, the

surface oxide first reacts with Al(l) according to the
exothermic reaction [204] 4Al(l)#3SiO

2
PAl

2
O

3
#



Figure 5 (a) Photomicrograph showing chemical attack of SiC by
aluminium [169]. (b) Concentration of Si released in Al from an
aluminium-carbide-forming reaction as a function of temperature
[186] (d), unoxidized SiC; (j) oxidized (1000 °C for 18h) SiC; (m),
oxidized (1000 °C for 100 h) SiC.

3Si. Once Al has reacted with the outer oxide layer on
SiC to produce alumina, the direct reaction between
Al and SiC proceeds at a rate similar to that found for
unoxidized SiC. During initial stages, the kinetics of
this reaction are very fast; in the later stages however,
the rate of reaction is slow, the increment in the Si
content of the matrix alloy being approximately pro-
portional to time. In vacuum or under very low partial
pressures of oxygen, the silicon dioxide surface film
can breakdown according to the reaction SiC(s)#
2SiO

2
(s)P3SiO(g)#CO(g); as a result, the protective

influence of silica on SiC may be lost even before
contact with the liquid metal is established. Even with
the silica films on SiC which impair the wettability
with Al alloys [205] owing to formation of poorly
wetting alumina, the presence of Mg in Al decreases
the threshold pressure for infiltration [183]. However,
the amount of Mg present in the alloy is of central
importance. At low Mg contents, wetting improves by
spinel (MgAl

2
O

4
) formation whereas, at high Mg
contents, wetting is impaired owing to MgO forma-
tion. Extensive formation of the spinel during infiltra-
tion is consistent with the lowering of threshold
pressures.

Conceivably, the rate of wetting promoting inter-
facial reactions should be rapid relative to the rate at
which equilibrium wetting is attained. If, on the other
hand, the kinetics of reactions which produce chemic-
ally and morphologically stable wetting-inhibiting
compounds are rapid, then an intimate solid—liquid
contact is not established. The reduction of silica by
liquid Al to form aluminium oxide (a wetting-inhibi-
ting compound) occurs very fast [205], and wetting
does not improve because of rapid covering of SiC by
the oxide. Thus, occurrence of an intense chemical
reaction is not a sufficient condition for wetting en-
hancement [169—171, 206]; the interfacial reactions
should yield product phases that form a low-energy
fibre—matrix interface. Even when the test conditions
preclude formation of low-energy interphases, the dis-
solution of the solid in the liquid and its reprecipita-
tion on pre-existing solid could modify the surface
[191; 199] such that good wetting and bonding take
place without the formation of reaction products
[207].

When a chemical reaction takes place between SiC
and Al, the product carbide phase precipitates discon-
tinuously and Si precipitates between the carbide crys-
tals [158]. The aluminium carbide crystals first
nucleate at preferred sites on SiC, SiC dissolution
continues where SiC and Al are in direct contact, and
finally dissolution of SiC occurs from areas separated
by the interfacial reaction products [187, 208]. The
interfacial product phase morphology (e.g., continu-
ous film or extensive notch formation) controls the
strength-limiting behaviour of the fibre. The differ-
ences in the SiC grain size could lead to different
morphologies of the Al

4
C

3
phase. In one study [91]

on the chemical stability of SiC fibres and particulates
in Al, Al

4
C

3
crystals were observed to intrude between

the individual columnar subgrains of the fibre; the
faulted subgrains of the fibre were thus separated by
regions of Al

4
C

3
. With particulate SiC, however, the

grains, while faulted, were usually large and equiaxed,
and the individual Al

4
C

3
crystals were roughly of the

same size as the parent SiC grains. Despite good
interfacial bonding, fibre surface reconstruction due to
interpenetrating regions of the two carbides would
lead to localized stress concentration and limit the
strength of the fibre [10, 209]. High dislocation densit-
ies at the interface also occur owing to large mismatch
between CTEs [210, 211].

4.2.3. Influence of fibre characteristics on
interfacial reaction

The carbide dissolution reaction has been observed in
different structural varieties of SiC such as pressure-
less-sintered b-SiC [212], SiC fibres (Nicalon, Tyrrano
and AVCO CVD fibres) [213], a- and b-SiC particles
and platelets [158, 208], amorphous SiC film [214]
and b-SiC whiskers [215]. The compositional and
structural differences between different commercial
1965



varieties of silicon carbide fibres affect their reaction
with liquid metals. Thus, in cast Nicalon fibre—Al
composites, Al

4
C

3
forms at the interface whereas, in

Tyranno fibre—Al composites, carbides do not form
under identical test conditions [213]. Titanium intro-
duced in the Tyranno fibre precursor decreases the
reactivity of the fibre with Al by forming strong bonds
between excess C and Ti, thus decreasing the affinity
of excess C in the fibre to Al. Also Tyranno fibres have
a lower C content (27.9 wt%) than Nicalon fibre
(32.5 wt%). On the other hand, prolonged heat treat-
ment degrades the Tyranno fibres more than the
Nicalon fibres because the excess oxygen atoms in the
Tyranno fibre (which exist as SiO

2
or as silicon oxy-

carbide, (Si
x
O

y
) react with pure Al to liberate Si which

lowers the solidus and liquidus temperatures. A liquid
phase, therefore, forms even at relatively low heat
treatment temperatures as soon as a critical Si concen-
tration is reached. The chemical attack of the fibre is
then enhanced since the diffusion and growth kinetics
are increased in the presence of a liquid phase.
Textron’s C-rich SiC filament (SCS fibres) and BP’s
Si-rich SiC fibre (called r fibre) are two other popular
SiC fibres for metal matrices. The SCS silicon carbide
fibres exhibit good strength but poor wetting with Al;
pre-oxidized filaments are used to improve the wetting
but their strength is impaired on exposure to Al(l) at
¹'650 °C. Addition of Ti, Mg or Ni to molten alu-
minium improves wetting of the SCS fibres; however,
wetting is accompanied by reactions which reduce the
fibre strength. In the case of BP’s Si-rich r fibres,
a bilayer coating of TiC/C is effective in improving
wetting and inhibiting reactions with Al [17]. While
TiC coatings are stable in Al, direct deposition of TiC
on SiC fibres reduces the fibre strength owing to
thermal stresses generated at the fibre—coating inter-
face during cooling from the deposition temperature
which lead to coating fracture and spallation. An
intermediate carbon layer between SiC and TiC acts
as a stress-absorbing compliant layer which blunts
cracks or diverts them from progressing into the fibre.
The bilayer TiC/C coatings with fine grains are com-
patible with the SiC fibres and stable in Al to 950 °C
[174]. However, in spite of the fact that no gross
chemical reactions occur until these temperatures, dif-
fusion of Al into SiC fibres and a slight diffusion of Si
from the fibres into the Al matrix takes place; cracks
form within the fibres in the regions where Al had
diffused possibly owing to difference in the CTE of
Al-rich zones within the fibres relative to the virgin
fibre lattice. The presence of the C compliant layer is
crucial; direct deposition of TiC without the C inter-
layer reduces the fibre strength from 3.50 to 1.68 GPa
[174].

4.2.4. Control of interfacial reaction
Controlling the extent of brittle carbide formation in
Al-coated SiC fibres by alloying Al with small
amounts (1 at%) of Si allows retention of strength
even after prolonged exposure to elevated temper-
atures [209]. On the other hand, fibres coated with
unalloyed Al show a significant loss of strength. Fibre
1966
degradation can also be minimized by employing
a variety of surface modifications [178, 216] such as
surface oxidation by heat treatment, and formation of
oxide coatings by the sol—gel or dry-mixing tech-
niques. The basic approach followed in these tech-
niques is to aid a quick reaction between the coating
and melt to form a reaction barrier on the reinforce-
ment. Oxide coatings such as SiO

2
and TiO

2
are

active reaction barriers at relatively low-use temper-
atures because they quickly react with metals to form
stable reaction products. The reaction of a SiO

2
coat-

ing on SiC with Al—Si—Mg alloys yields [178] a poly-
crystalline interfacial layer consisting mainly of Mg
spinel crystals and Mg

2
Si particles at low Mg concen-

trations, and fine MgO crystals at high Mg concentra-
tions. The protective influence of a reaction barrier is
influenced by its structure and porosity. As the SiO

2
-

to-spinel transformation is accompanied by a greater
volumetric contraction than silica-to-MgO trans-
formation, a porous interfacial layer of spinels forms
which is permeable to Al. On the other hand, the
transformation of silica to MgO in Al alloys with high
Mg concentrations leads to a relatively small (about
14%) contraction, and hence only slightly oxidized
particles can also provide an effective barrier to Al
permeation and reaction with SiC.

The sol—gel technique uses a mixture of alkoxides
dissolved in a solvent which deposits oxide coatings
on the SiC. However, the sol—gel coatings of Al

2
O

3
or

MgO on SiC are not particularly effective reaction
barriers but MgO coatings are relatively more effec-
tive than alumina. The dry-mixing technique uses
mechanical mixing in a ball mill of the two types of
particle (carbide and oxide) to produce agglomerated
oxide particles adhering to the SiC. The technique has
been used to coat SiC with oxide layers of TiO

2
,

Al
2
O

3
or SiO

2
; these coatings differ from one another

in their effectiveness in protecting SiC in the melt.
Thus, titanium oxide (TiO

2
) coatings increase the in-

cubation time for reaction and provide significant
protection against attack by Al at 700 °C, but pro-
longed contact results in the dissolution of TiO

2
and

SiC degradation [178]. These surface pre-treatments
are cost effective compared with vapour-phase tech-
niques (PVD and CVD) and are ideally suited to use in
relatively inexpensive cast particulate composites.

The initial dissolution of SiC in metals is, to a first
approximation, a zero-order reaction and the conver-
sion increases linearly with time at a constant temper-
ature [175, 192, 199]. As the growing interface reaches
a particular thickness, the growth mechanism changes
from dissolution to diffusion control, and the product
carbide phase serves as a diffusion barrier, leading to
characteristic parabolic growth kinetics. For example,
in the SiC—Ti system, brittle reaction products such as
TiC and Ti silicides form [12] by a diffusion mecha-
nism with parabolic growth kinetics. The rate of these
reactions can be significantly retarded by alloying Ti
with Al, V and Nb [217—220]. Light alloys such as
Mg—Li [140] and Al—Li [221], and the pure metal Li
[222] react vigorously with silicon carbide. For
example, Nicalon SiC fibres (SiC with 15% free C and
25% amorphous silica) and CVD monofilaments



Figure 6 Influence of Mg content on the wetting angle of Al on
alumina [231]. (m), Al; (d) Al—1.33 wt% Mg; (j), Al—0.74 wt% Mg;
(J), Al—3.9 wt% Mg; (r), Al—3.9 wt% Mg; (s) Al—6 wt% Mg.

absorb Li very rapidly during fabrication, causing
grain-boundary embrittlement [141]. However, sput-
ter-deposited yttria coatings are effective diffusion
barriers which prevent Li ingress into the fibres. Also,
single-crystal whiskers do not degrade in Mg—Li
alloys even after prolonged contact. This is because of
the relatively small negative free-energy change for the
reaction of SiC with Mg—Li alloys, the slow reaction
kinetics and the absence of inherent structural defects
in whiskers.

4.3. Alumina—metal systems
4.3.1. Wettability
Sapphire, ruby and recrystallized alumina are not
wetted by pure Al below about 1073 K [44, 91, 118,
223—233]. However, as wetting transitions are very
sensitive to substrate roughness, oxygen partial pres-
sures, crystal orientation and other factors, the tem-
perature for wetting transition is seldom universal and
well defined. In the case of recrystallized alumina, the
wetting angle with Al attains a steady value at 1473 K
[233] whereas on sapphire the droplet initially
spreads and contracts repeatedly. In the sapphire—Al
system, wetting angles are acute above 1223 K owing
to complex oxygen-deficient interface structures which
lower the surface tension. A gaseous suboxide (Al

2
O)

forms in vacuum above 1173 K which erodes the ox-
ide film and reduces the wetting angle to less than 90°
[227]. As the solubility of oxygen in Al is extremely
low [230], different oxygen partial pressures in the
atmosphere influence the oxide film thickness [229]
and the wettability [225, 226].

Alloying additions have a pronounced effect on the
wettability in the Al

2
O

3
—Al system. Alloying can

either improve or impair the interfacial bond strength
between alumina and metals [234—237]. For example,
alloying Al with bismuth and selenium increases the
interfacial shear strength with sapphire, whereas Cu
and Zr reduce the interface strength [234]. Magne-
sium improves the wetting in the alumina—Al system
(Fig. 6) even at relatively low temperatures [231],
whereas Cu and Si are effective at relatively high
temperatures (1173—1273 K). The interfacial segrega-
tion of Mg is common in ceramic—metal composites
[95, 238, 239]. Both the oxygen-scavenging action of
Mg, and its interfacial adsorption on and reaction
with Al

2
O

3
improve the wetting with Al (228, 240]. In

a manner similar to Mg, cerium in Al alloys reduces
the wetting angle on alumina ceramics, but the effect
of cerium is less dramatic than that of magnesium.
When more than one wettability-enhancing solutes
are present in the alloy, their influence overlaps, e.g., in
the case of aluminium alloys, when both magnesium
and strontium are present, the wettability-enhancing
tendency of strontium is masked by that of magne-
sium [241] which is a more potent wetting promoter.
In Ni-based alloys, the wetting angle on alumina first
reaches an equilibrium value but continues to de-
crease owing to dissolution of small amounts of impu-
rities from alumina substrate, which results in large
changes in the interfacial energy [242]. In Ag—In
alloys in contact with zirconia and alumina, Ti addi-
tions improve wetting due to formation of TiO

2
, TiO

and Ti
2
O [243]. In the case of intermetallic alloy

Fe—40 wt% Al on polycrystalline alumina, B, Mg and
Nb decreases the contact angle with increasing tem-
peratures and time [244]. Oxide coatings such as
MgO on alumina improve the latter’s wettability with
and dispersibility in stir-cast Al composites [94].

4.3.2. Interfacial reactions
A variety of alumina fibres are commercially available
such as ICI’s SaffilIM (d-Al

2
O

3
with 3—4% SiO

2
), Du

Pont’s fibre FPTM (a-Al
2
O

3
with silica coating) and

PRD-166 (zirconia-stabilized alumina), SaphikonTMs
single-crystal sapphire and 3M’s Nextel fibre. These
fibres differ from one another in their chemistries,
strengths, moduli and chemical stabilities. Thus, fibre
FP of DuPont is a high-strength high modulus poly-
crystalline, 99% pure a-Al

2
O

3
(grain size, 0.5 lm) fibre

with a thin (5 nm) SiO
2

coating. Saphikon,TMs single-
crystal sapphire fibre is a high-strength (2.1—3.4 GPa
at room temperature) high-modulus (414 GPa) fibre
oriented along the c axis S001T of the hexagonal unit
cell. Similarly, ICI’s SaffilTM is a polycrystalline
d—Al

2
O

3
fibre with 3—4% SiO

2
added to stabilize the

d structure and to inhibit grain coarsening. Silica is
also added as a thin colloidal coating to promote
sintering of preform and to impart sufficient strength
to resist compressive stresses that develop during
squeeze casting. In these fibres, the silica coating does
not change chemically (remains as silica or mullite)
when the fibres contact molten Al or Al—Si alloys near
the melting point of Al [245]. However, when Mg is
present in the Al alloy, Mg ions are readily incorpor-
tated into the lattice of the fibre surface [246, 247],
and reaction layers of spinel (MgAl

2
O

4
), MgO and

fine polycrystalline a-alumina form at the interface. In
the Al

2
O

3
—Al composites containing both Cu and Mg,

the interfacial zones are composed of a duplex layer of
copper spinel (CuAl

2
O

4
) and magnesium spinel
1967



Figure 7 Reaction zone thickness in semisolid formed Al
2
O

3
—Al

composites as a function of residence time of alumina in Al alloy
[247]. (j), 2 wt% Mg (913K); (m), 4 wt% Mg (903K) (d), 8 wt%
Mg, (873K); (r), 4.5 wt% Cu and 2 wt% Mg (890K).

(MgAl
2
O

4
). The reaction pathways for interface devel-

opment are sensitive to both alloying and processing
conditions (Fig. 7). For example, copper spinel forms
at the interface between fibre FP and Al—Cu alloys in
composites fabricated using a compocasting (semisolid)
technique [247], whereas no interfacial reaction prod-
uct forms in pressure-cast composites [248] where
interaction times are short. Silica as a fibre constituent
or as a binder material in the preform reacts vigorous-
ly with the magnesium [249], and silicon released
from the reaction combines with the residual Mg in
the matrix to form Mg

2
Si precipitates which assist

precipitation hardening. Alumina fibres are chemic-
ally stable in Cu, but small additions of Ti to Cu cause
a severe reaction with the alumina and formation of
TiO

2
. While wettability is improved by this reaction,

the fibres experience loss of strength. The rate of this
reaction is very sensitive to temperature and the reac-
tion layer thickens with a diffusion-controlled mecha-
nism [250].

4.3.3. Control of interfacial reaction
The deposition of reaction barriers and/or the forma-
tion of a stable reaction product during the early
stages of fabrication will passivate the Al

2
O

3
surface

and inhibit further chemical attack. As reaction prod-
ucts usually form by nucleation and growth processes,
a high nucleation rate may quickly generate a thin
interfacial barrier layer which will isolate the rein-
forcement from attack by the melt. In Al—Mg alloys,
where MgO and Mg spinels are the principal reaction
products, a faceted and continuous layer of magne-
sium spinel (MgAl

2
O

4
) forms at high (7 wt %) Mg

contents, whereas the reaction layer is patchy and
discontinuous at lower Mg concentrations [251]. The
1968
thickness of the Mg spinel film on alumina decreases
with increasing Mg content. A temperature-dependent
incubation time characterizes the onset of reaction in
this system; the incubation time drops discontinuously
in the vicinity of 1000 K from about 2000 to 500 s.

Because a large driving force exists for the reaction
of Mg with alumina, and the reaction kinetics are fast
at elevated temperatures, an appreciable reaction zone
could form even at short times [252], leading to fibre
strength loss due to notch formation [247]. Fabrica-
tion conditions must, therefore, be carefully selected.
The grain size of the product phase in the reaction
zone is also important; for a fixed thickness of the
reaction zone, larger MgO grain sizes yield inferior
mechanical properties in the Al

2
O

3
—Al—Mg com-

posites [253, 254]. An increase in the Al concentration
in the alloy decreases the concentration gradient
across the interface and inhibits the reaction. The
interfacial reactions observed in fibre-reinforced com-
posites also occur in discontinuously reinforced cast
composites [187, 247, 255—258]; however, differences
in the specific areas of the reinforcement results in
different amounts of interfacial reactions.

In Mg—Li alloys reinforced with discontinuous d-
Al

2
O

3
fibres (with the silica binder concentrated at

free surface and grain boundaries), rapid penetration
of lithium into fibre grain boundaries weakens the
fibre [141, 257]. Lithium penetration into the fibres is
accompanied by gradual transformation of the tetra-
gonal d—Al

2
O

3
lattice into the cubic spinel LiAl

5
O

8
where part of the Li` ions is substituted by Mg2`

ions. The fibres become brittle owing to formation of
oxides (MgO and Li

2
O), aluminates (LiAlO

2
and

Li
5
AlO

4
) and spinels (MgAl

2
O

4
and LiAl

5
O

8
). In

Al—Li alloys, Li penetrates the fibres and reacts with
alumina to form lithium aluminate (LiAlO

2
) and lith-

ium spinel (Li
2
O

5 )
Al

2
O

3
) [259]; the microchemistry

and the reaction zone thickness are extremely sensitive
to processing conditions because of the high mobility
of the lithium ions and the presence of short-circuit
diffusion paths [260, 261]. High temperatures cause
extensive fibre attack and grain coarsening. For
example, fibre dissolution and grain coarsening take
place in zirconia-stabilized alumina (PRD 166) fibres
when they are infiltrated with a nickel aluminide
matrix. Similarly, Al reacts with Du Pont’s PRD 166
fibre, resulting in discrete particles of ZrAl

3
phase at

the interface which grow rapidly into the matrix above
the latter’s melting point [263]. These undesirable
interfacial reactions can be limited by employing short
interaction times (infiltration times) in conjunction
with low fibre pre-heat temperatures.

4.3.4. Alumina-reinforced high-temperature
alloys

Fibre-reinforced intermetallics and superalloys are
potential high-temperature materials for use in air-
craft engine components. When these materials are
fabricated using the solid-state powder-metallurgy
(PM) processes [264], the contamination of the
interface by organic binder residues and oxidation
of metal powders prevent establishment of an



adequate interfacial bond. In contrast, melt-processed
high-temperature composites such as Al

2
O

3
—NiAl

and Al
2
O

3
—FeAl exhibit interface strength superior to

that in hot-pressed composites [264—267]. Pressure
infiltration casting is a popular liquid-phase fabrica-
tion technique for these materials. While chemical
reactions, fibre dissolution, grain coarsening and en-
hanced dislocation density are observed in pressure-
cast composites [268], liquid-phase techniques, in
general, allow a better control of matrix and interface
microstructures than solid-state techniques.

In cast sapphire-reinforced ordered intermetallic b-
NiAl, an interfacial shear strength higher than that of
the PM material is achieved without gross interdiffu-
sion, in agreement with thermodynamic calculations
[269]. Alloying NiAl with chromium, tungsten or yt-
terbium further improves the strength of the inter-
facial bond with sapphire [270, 271]. While tungsten is
chemically inert and chromium is moderately reactive,
the rare-earth element ytterbium (Yb) leads to a very
severe attack of sapphire and a very high interfacial
shear strength. Ytterbium oxide is thermodynamically
more stable than aluminium oxide (the standard free
energies of formation of Yb

2
O

3
and Al

2
O

3
are

!1727.5 kJmol~1 and !1583.10 kJ mol~1, respec-
tively). However, in the sapphire—NiAl(Yb) system,
a high interfacial shear strength is attained at the
expense of fibre surface quality [270] which deterior-
ates owing to formation of Yb

2
O

3
and Y

3
Al

5
O

12
at

the interface (Fig. 8). In the powder-processed sap-
phire—NiA(Yb) composite, the dissolution of the fibre
enriches the NiAl surrounding the fibre in oxygen. The
diffusion of oxygen into the matrix and of Yb towards
the fibres leads to the formation of a Yb

2
O

3
layer

around sapphire. Because of the oxygen enrichment of
the original matrix powder used for hot pressing,
Yb

2
O

3
phase is also formed on the matrix grain

boundaries (prior particle boundaries). The Yb
2
O

3
phase located at grain boundaries in contact with the
fibres reacts with alumina, leading to the formation of
a spinel oxide (Yb

3
Al

5
O

12
) which resides within the

matrix grain boundaries adjacent to the fibre surface.
Increasing the extent of reaction by remelting and
controlled solidification of the powder-processed ma-
terial leads to complete conversion of Yb

2
O

3
to

Yb
3
Al

5
O

12
(Fig. 8). A significant improvement in in-

terface strength is achieved in melt-processed com-
posites, but formation of interfacial shrinkage and
microvoids impairs the interfacial bond strength.

In melt-grown sapphire—NiAl(Cr) composites [271]
and sapphire—Ni couples [272, 273], the solid—liquid
interface is preferentially enriched in fine chromium
precipitates which appear well bonded to the solid
(Fig. 9). The interfacial shear strength as well as the
frictional sliding stress are higher in the sapphire—
NiAl(Cr) composites than in the unalloyed sap-
phire—NiAl composites [271]. The Cr interlayers
could potentially reduce the thermal stresses because
of the lower CTE mismatch between sapphire and
chromium compared with that between sapphire and
NiAl. Controlled directional solidification of fibre-re-
inforced off-eutectic ternary Ni—Al—Cr alloys would
also permit design of dual-phase matrix microstruc-
tures (e.g., cellular or dendritic interfaces with eutectic
at the boundaries) which may have some toughening
potential.

4.4. Other reinforcement—matrix
combinations

Interfacial reactions, interfacial adhesion and fibre
strength have been characterized in a large number of
other composite systems such as B—Al [274], B—Ti [3,
218], TaC—Al [275], W—NbSi

2
[276], silica—Al

[277—281], Si
3
N

4
—Fe [282], boron carbide—Al [283,

284], zircon—Al [285], glass—Al [286], zirconia—metal
(Cu, Ni, Co) [287] and fibre-reinforced superalloys
[288]. Most of these systems are chemically reactive.
For example, in the SiO

2
—Al system, redox reactions

are thermodynamically possible and a multiphase in-
terfacial layer develops at the interface; alloying ele-
ments such as Bi, Sb and Cu retard the reaction
kinetics and increase the incubation time for the reac-
tion [280], whereas Mg does the reverse. The incuba-
tion time is sensitive to the atmosphere [278—280, 289]
and is drastically reduced in vacuum compared with
air [278—280] because of the presence of an oxide film
on liquid Al in air. Extensive chemical attack of silica
by Al is noted in pressure-cast and stir-cast com-
posites. Thus, in pressure-cast Al alloy 7075 matrix
composites containing fused silica aerospheres [290],
a reaction zone forms which thickens on artificial
ageing, and Si preferentially nucleates on aerosphere
surfaces. In stir-cast silica—(Al—Si—Mg) composites
[291], reduction of silica by Al and Mg releases Si in
the matrix which alters the matrix chemistry from
hypoeutectic to hypereutectic compositions, as evid-
enced by an increase in the total Si content of the
matrix and by the formation of silicon cuboids charac-
teristic of primary silicon nucleation. Another silica-
based oxide filler for metal matrices is flyash [292]
which is a byproduct of coal-fired thermal power
plants. The principal chemical constituents of flyash
are mullite (3Al

2
O

3 )
2SiO

2
), quartz (SiO

2
), magnet-

ite—ferrite (Fe
3
O

4
—MgO), heamatite (Fe

2
O

3
) and

anhydrite (CaSO
4
). When flyash is infiltrated with

aluminium at relatively low temperatures and/or short
infiltration times, its reaction with Al is limited; how-
ever, at high temperatures and/or longer contact times,
extensive chemical attack of flyash is noted [292].

Potassium titanate and aluminium borate whiskers
[293, 294] are cost competitive with SiC, traditionally
regarded as the best whisker reinforcements for metal
matrices. In Al—Mg composites, both these types of
whisker undergo a moderate chemical reaction which
produces b-Al

2
O

3
particles and magnesium spinels;

with borate whiskers, specific crystallographic ori-
entation relationships of b-Al

2
O

3
yield a very strong

interfacial bond. The geometrical features of these
whiskers affect the interfacial reaction. For example,
there is little reaction on the plane of the whiskers but
some reaction is seen at the whisker ends; the uneven
surfaces and corners of whiskers react more vigorous-
ly than plane surface. In the case of in-situ com-
posites such as TiC—Al, where the reinforcement is
produced within the matrix via a chemical reaction,
1969



Figure 8 Photomicrographs showing (a) as-received sapphire fibre (b) fibre extracted from a sapphire—NiAl(Yb) composite showing extensive
fibre surface reconstruction due to chemical attack, (c) interfacial reaction zone in a powder-processed sapphire—NiAl(Yb) composite and (d)
interfacial reaction zone in a directional solidified sapphire—NiAl(Yb) powder-processed feedstock material [270]. In (c) and (d), A is O-rich
NiAl, B is Yb

2
O

3
, C is Yb

3
Al

5
O

12
, D is NiAl and E is YbF.
the interfaces are atomically clean and the interfacial
bonding strong. For example, in the TiC—Al in-situ
composites prepared by a melting and casting tech-
nique, the TiC particles show densely packed M111N
planes parallel to the interface and a strong chemical
bonding with Al [295].

5. Nature of interfacial reactions
The chemical dissolution of a reinforcement in the
liquid matrix during composite fabrication occurs via
1970
heat, mass and momentum transport. Preform infilt-
ration is a popular method for fabricating composite
materials. Liquid metal flow during preform infiltra-
tion is usually laminar (Reynold’s numbers, Re(10).
During chemical dissolution of a solid under laminar
flow conditions, two types of boundary layer develop:
a diffusion layer and a hydrodynamic boundary layer.
The mass transport processes (diffusion and convec-
tion) can be modelled using appropriate theoretical
relationships [296, 297]; diffusion will be the domi-
nant mechanism of mass transport at small Peclet



Figure 9 Interface region in a directional solidified sapphire—
NiAl(Cr) composite showing. (a) preferential segregation of chro-
mium at the interface, (b) good interfacial bonding between chro-
mium and sapphire and (c) surface appearance of an extracted
sapphire fibre showing chromium particles adhering to the fibre
together with fibre pitting from chemical attack [271].

numbers Pe;1 (Pe"D»/R, where D is the diffusion
coefficient, » is the fluid velocity and R is the particle
radius). At small Re, the reaction kinetics are para-
bolic in time (X"k t1@2, where X is the thickness of
the interphase and t is time) consistent with a diffu-
sion mechanism. While diffusion controls interphase
growth in many composities of practical importance
such as B—Ti, C—Ni and SiC—Ti [298—301], interface
reactions could become rate controlling in some sys-
tems (e.g., SiC—NiAl [302]). Non-planarity of the reac-
tion interface and formation of intermediate
metastable phases lead to a departure from a simple
parabolic behaviour. Even when the test conditions
preclude growth of reaction products, interdiffusion
could generate solute gradients at the interface, result-
ing in interfacial segregation without compound
formation.

The chemical reactivity of the fibre with the matrix
forms a basis for classifying metal-matrix composites
into three separate classes [298]: class I, reinforcement
and the matrix are mutually non-reactive and insol-
uble, Class II, reinforcement and the matrix are mu-
tually non-reactive but soluble; class III, reinforce-
ment and the matrix are reactive and form at least one
new compound at the interface and may also exhibit
mutual solubility. Class I interfaces are seldom found
in real composites of practical interest but serve as
useful models to understand more complex interfaces.
Most metal-matrix composites of engineering interest
display class II and class III behaviours in which the
complexity of the interface is compounded owing to
non-planarity of the interface, crystal defects, chemical
inhomogeneity, impurity segregation, formation of re-
action products, and interdiffusion via surfaces, grain
boundaries and other short-circuit paths unique to
composites (e.g., network of touching fibres and plate-
lets [303]). Thus, even with known thermodynamic
and diffusion data, a first-principles-based prediction
of interface evolution in class II and class III systems
is complicated by a myriad of structure- and defect-
related factors [304]. Local details of the interfacial
microstructure influence the mechanical properties of
composites, e.g., stress concentrations and crack de-
flection paths are dominated by interfacial topogra-
phy. Because of such complexities, semiempirical
models of interphase evolution are popular in engin-
eering practice. The simplest approach in modelling
reaction kinetics is to quantify the extent of reaction at
any time, t, and to relate it through quantitative mod-
els to the time and temperature parameters. In
a simple binary alloy with a reactive solute, the
extent a(t), of reaction can be defined as [187]
a(t)"[w

0
!w (t)/[w

0
!w

%
], where w

0
is the initial

solute content at t"0, w (t) is the solute content at any
time t'0, and w

%
is the equilibrium solute content at

that temperature. The extent a (t), of reaction can be
related to the rate processes involved through semiem-
pirical relationships. In the Al

2
O

3
—(Al—Mg) com-

posites, a logarithmic variation in the amount of
transformation product (Mg spinel) and Mg concen-
tration with reaction time is observed. A temperature-
dependent incubation time characterizes the reaction;
the incubation time is about 2000 s at ¹(1000 K but
drops below 500 s at ¹'1000 K. A number of pos-
sible mechanisms may be operative in the reaction,
and the identification of the rate-controlling step(s) is
not a trivial task. The value of activation energy for
reaction gives some indication of the underlying reac-
tion mechanisms.

The product phases in many systems such as
Al

2
O

3
—Ni, Al

2
O

3
—Cu and Al

2
O

3
—Ti [304] are struc-

turally and morphologically unstable. Furthermore,
interfacial zones could exhibit over an order of magni-
tude variation in the grain size [305]. For example, in
a study on melt-infiltrated fibre FP/ZE 41—Mg matrix
composites, the reaction zone at the interface was on
1971



average 100 nm wide [205] and comprised grains
(primarily MgO) varying in size from less than 10 nm
at the reaction zone—fibre interface to over 100 nm at
the matrix—reaction zone interface. Preferential grain
coarsening of MgO at the reaction zone—matrix inter-
face together with the flow channel closure that stop-
ped metal ‘‘seepage’’ towards the fibre surface during
infiltration caused grain size variations within the
interfacial region. Compositional inhomogeneity
could also arise from preferential segregation of sec-
ondary phases at the interface (e.g., the two phases in
a eutectic-type structure that precipitate on the rein-
forcement). These interfacial inhomogenieties lead to
variations in the composite’s response to heat treat-
ment and mechanical stresses. For example, the inter-
face strength in Al

2
O

3
—Mg composite decreases with

decreasing reaction zone thickness and the off-axis
strength of the composite decreases with decreasing
size of MgO grains at the interface [254]. On the other
hand, in model composite systems with controlled
interfaces (e.g., Ti-coated C—Mg composites [306]),
reliable predictions of bulk mechanical properties can
be made using simple micromechanical models.

A common approach to limit fibre degradation in
reactive matrices is the use of barrier coatings [307].
The diffusion barrier coatings must be compatible
with both the matrix and the fibre; however, a lack of
thermodynamic and reaction kinetic data often limits
a premeditated design of coating systems for specific
applications. The diffusion barrier coatings could be
very elaborate, multilayered and multifunctional and
could introduce additional interfaces that must assist
in load transfer from the matrix to the reinforcement.
The physical, chemical and mechanical stability of
barrier coatings at use temperatures is important; pro-
tective influence of the coating will be lost if it trans-
forms into an unstable or metastable product phase or
loses its physical and mechanical integrity owing to
thermal stresses. Mechanical breakdown of diffusion
barriers often shows an incubation-type behaviour
[8], i.e., visible signs of damage occur after a finite
period of time has elapsed. Once the mechanical integ-
rity of the reaction barrier is lost owing to breakdown
of the barrier, chemical attack of the fibre produces
undesirable reaction products. Thus, a thorough
knowledge of reaction kinetics, phase equilibria,
diffusion kinetics in complex multicomponent sys-
tems, and the micromechanical behaviour of product
phase are needed for judicious selection of interfacial
coatings.

The diffusional interactions across an interface are
affected by interfacial stresses (e.g., stresses due to
CTE mismatch and phase transitions); these stresses
can adversely affect the microstructural stability dur-
ing processing or subsequent service. If a large mis-
match exists between the CTEs of the fibre and matrix
materials, and/or temperatures excursions are large,
appreciable thermal stresses could be generated. If
these stresses are not accommodated by dislocation
generation and matrix plasticity, failure will probably
take place. In some systems (e.g., TiB—NiAl [172]),
stresses are relaxed by the diffusion of large solute
atoms in the interfacial region; this can occur because
1972
the matrix is under hydrostatic tension, and the over-
sized atoms can reduce the stresses.

6. Reaction mechanisms in selected
systems

6.1. Carbon—metal systems
In the chemical reaction of carbon with molten Al to
form aluminium carbide, carbon atoms first dissociate
from solid’s surface, diffuse through the interface inter-
phases such as oxides and previously formed carbide
and finally react with metallic Al to yield Al

4
C

3
. In the

initial stages of the reaction, oxygen is chemisorbed on
an active surface site, followed by electron transfer
from graphite to the C—O pair, and the desorption of
the pair as CO [308, 309]. The transferred electron
strengthens the C—O pair bond while weakening the
bond between surface C atom and the underlying
graphite; this weakening permits the dissociation of
surface C atoms and their diffusion across interface
interphases. The aluminium carbide crystals nucleate
heterogeneously on carbon and grow anisotropically
as lath-like particles into the Al matrix by a ledge
mechanism [310]. Later, during their coalescence,
the carbide platelets grow into the fibres and the
tensile strength decreases because of the random
notches that form by growing Al

4
C

3
platelets into the

fibres. The addition of titanium diboride and boron
or phosphorus compounds inhibits formation of
Al

4
C

3
[308].

In the C—Si system, the reaction between C and Si to
form SiC is highly exothermic, and a dissolution—pre-
cipitation process appears to be operative. The reac-
tion kinetics could be either diffusion controlled [311,
312] or interface controlled [313]. In the dissolu-
tion—reprecipitation process, the pre-existing SiC
grains act as seeds for nucleation of new crystals
[314]. There is an initial incubation for the reaction
followed by a region of rapid growth that is roughly
linear in time; this is followed by a progressive slowing
of the rate as the reaction nears completion. While no
gross reaction products form during incubation, a thin
polycrystalline film forms which quickly spalls owing
to its volume misfit relative to the underlying carbon
[315]. During the rapid growth stage, larger faceted
b-SiC crystals form adjacent to the SiC fibres whereas,
within the fibres, fine SiC particulates form. The mech-
anism then becomes one of solution—reprecipitation,
with the very fine SiC grains within the fibres serving
as the source and the large faceted crystals serving as
the sink. Dislocations form in large faceted grains but
not in fine source SiC grains of the fibre; as a result,
these fine grains do not self-coarsen. Reactive infiltra-
tion of porous carbon preforms by Si and Si—Mo
alloys is used to form SiC—Si—C composites. The react-
ive infiltration of porous carbon is very rapid and
proceeds to completion in a few seconds for preforms
of the size of a few centimetres [315, 316]. As the
amount of liquid phase diminishes very rapidly during
reaction, the microstructural scale of the carbon pre-
form must be both uniform and fine to avoid unreac-
ted carbon. This can be accomplished by exercising
control on process parameters during pyrolysis of



polymer precursors that are used in preparing the
porous carbon preforms.

In the C—Cu system, chromium is usually added to
improve the wettability and interfacial bonding. Here
the diffusion of Cr out of liquid Cu and of carbon
through the chromium carbide reaction layer control
the growth rate [142]. Growth kinetics are parabolic
in time. Initially, diffusion of Cr controls the reaction,
and later, diffusion of C through the Cr

3
C

2
layer

controls the growth rate. The actual thickness of the
Cr

3
C

2
layer is strongly influenced by the geometry

and specific surface area of the nucleating substrate
[142].

6.2. Silicon carbide-metal systems
The chemical interaction of SiC with Al could proceed
via penetration of Al into SiC and diffusion of Al into
SiC [194]. Silicon carbide can dissolve into liquid Al
at low temperatures without the formation of a chem-
ical reaction product. The dissolved SiC is re-
precipitated, and in the process some Al may be
entrapped in between SiC crystals, leading to forma-
tion of channels of Al in the SiC. The dissolution and
reprecipitation of SiC without Al

4
C

3
formation is

possible as long as Si is able to dissolve in the matrix
while still providing a barrier to the formation of
Al

4
C

3
, allowing the reprecipitation of SiC onto parent

SiC. Penetration is also enhanced if stresses are pres-
ent in the SiC; these stresses lead to formation of
high-energy sites along the interface which aid the
process of dissolution. In regions where the solid
phase is stressed, dissolution takes place and, in re-
gions that are stress free, the solid phase is rep-
recipitated. The coherency stresses generated during
the diffusion process will cause the interface to attain
a serrated shape. In the mechanism involving diffusion
of Al into SiC, the actual diffusion of Al occurs by
replacing the empty Si lattice sites generated by the
dissolution of Si in the liquid metal. Aluminium is able
to diffuse into SiC when the SiC is heavily damaged or
when Si vacancies are available because of the pres-
ence of surface oxides. As Si dissolves in the matrix,
a similar amount of Al is able to replace the missing Si
atoms in the SiC lattice; this implies that Al can
substitute for Si in the lattice as long as Si is able to
dissolve in the liquid matrix. As a result, interdiffusion
may occur without compound formation. On the
other hand, when the test conditions lead to alumi-
nium carbide formation at low temperatures (660 °C),
a very small percentage of SiC particles react; so it is
possible to miss the reaction by X-ray studies. Also, in
commercial multicomponent Al alloys, several inter-
facial layers could form which obstruct the diffusion of
Al into SiC. Under these conditions (especially if the
interphase is porous), Al penetration rather than diffu-
sion would be the dominant mode of chemical interac-
tion.

The distribution of the Al
4
C

3
that forms from the

reaction is not uniform over all faces of SiC; flat and
smooth surfaces are less favourable sites for carbide
formation than rough surfaces. Single-crystal SiC
whiskers grown along the face-centred cubic fcc S111T
direction show significantly less reactivity than SiC
particulates with irregular surface topography, al-
though the nominal surface area of whiskers may be
significantly larger than that of particulates [191]. In
the case of single-crystal SiC, both Si (0001) face and
the randomly oriented faces dissolve at a fast rate in
molten Al, and aluminium carbide crystals nucleate
onto the SiC surface with their c axis oriented parallel
to the c axis of the SiC. Lateral extension of these
crystallites results in the formation of a continuous
layer of Al

4
C

3
crystals that protects the substrate from

further reaction. Passivation takes place sooner at the
Si face than at randomly oriented faces of SiC. The
C (0001) face dissolves at a much slower rate in Al than
any other face but, as Al

4
C

3
crystals do not nucleate

onto this face, passivation never occurs. Consequently,
after prolonged contact with Al and/or extensively
high temperatures, the C face appears more damaged
than any other face.

From the standpoint of atomic mismatch and lat-
tice discontinuity at the interface, different crystallo-
graphic orientations are possible at the SiC—Al
interface [172, 317]. When intermediate oxide films
and Al

4
C

3
are absent, interfacial energies and bond

strength can be estimated from basic crystallographic
parameters. The adhesion energy of the interface can
be obtained from the energy of the SiC—Al atomic
clusters. The minimization of cluster energy yields
equilibrium separation between adjacent layers at the
interface, as well as its adhesion energy. The energy
necessary to create an interface is given by [317]

*E"(E
A-
#E

S*C
)!E

where E
A-

and ESiC are the total energies of the Al and
SiC clusters, respectively, and E is the total energy of
the SiC—Al composite. This is calculated by varying
the distance between cleaved surfaces of Al and SiC
and the energy E corresponds to the minimum in this
energy profile. The theoretical results based on the
energy minimization approach suggest that bonding
between Al and Si is slightly stronger than that be-
tween C and Al layer. The lattice mismatch and coher-
ency strain considerations also suggest that interface
between the (0001) plane of a-SiC should be parallel to
the (111) plane of Al. However, high-resolution elec-
tron microscopy shows that (112) planes of Al bond to
the basal planes of SiC [172]. This is because, in order
to reduce the interfacial strain energy, the matrix
planes would rotate to adopt an orientation that pres-
ents a more open structure (e.g., Al (112) planes) to the
SiC basal plane.

7. Interfacial reactions, fibre strength and
interface strength

Models which combine the theory of reaction kinetics
and micromechanical behaviour of interfaces allow
prediction of fibre strength as a function either of
reaction zone thickness or of temperature and time of
exposure. In the early stages of reaction, the defects
caused by the interfacial reactions are less important
than the inherent defects of the fibre, and the fibre
strength remains at its original value. With increasing
1973



reaction zone thickness, the effects of fibre surface
reconstruction and notch formation become impor-
tant in limiting the fibre strength. The reaction zone is
brittle and fractures on loading at small strains. If the
notch resulting in fracture forms at a stress, r

)&
, and

extends into the fibre at a stress r
)%

; then, if r
)&
(r

)%
,

the notch forms first and then extends into the fibre
when the stress level reaches r

)%
. If, however,

r
)&
'r

)%
, as soon as a notch forms it propagates

catastrophically through the fibre. These stresses
could be calculated from a knowledge of the tensile
specimen dimensions, the Weibull strength distribu-
tion parameters, the fracture toughness of the fibre,
the activation energy, and the elastic moduli of the
fibre and the reaction products [5, 6, 13]. Phenom-
enologically, the tensile strength of fibres extracted
from composites usually follows Weibull distribution
according to which the probability of fibre failure;
F (r) is given by F(r)"1!exp(arb ), where b is the
Weibull modulus and a is a scale parameter. The
probability of fibre failure is related to sample popula-
tion, N, by F (r)"i/N#1, where i is the ith fibre
when the fibre strength data are arranged in an as-
cending order. Thus, the fibre strength follows the
Weibull distribution if a plot of ln Mln [(N#1)/
(N#1!i)]N, versus ln r is linear. Fig. 10 shows
Weibull plots for the strength of alumina fibres extrac-
ted from selected pressure-cast Ni-based superalloys
and intermetallics [318]. The fibres in these com-
posites suffered strength loss of about 60—68% relative
to the as-received fibres (r"2.8 GPa). Reactive sol-
utes such as Cr, Ti and Zr in the matrix alloy chemic-
ally attack the alumina during fabrication, resulting in
the formation of surface notches whose dimensions
exceed the critical Griffith flaw size of as-received
alumina (approximately 0.18 lm [11]). Similarly,
strength degradation of about 45—60% is observed
in powder-processed alumina-fibre-reinforced Fe—
Cr—Al—Y, Fe—Cr—Al, FeAl, NiAl and Ni

3
Al [11]. In

spite of a somewhat greater strength loss in cast com-
posites compared with powder-processed composites,
a greater flexibility in designing the interface and
matrix structures (e.g., tough dual-phase structures by
controlled directional solidification) could make
liquid-phase fabrication methods competitive with
solid-state methods. A judicious control of reactive
solutes in the matrix, use of reaction barriers, and
control of processing conditions (temperature and
time of exposure) will probably promote wetting and
interfacial bonding while minimizing strength-limiting
interfacial reactions.

The interfacial shear strength determines the stress
transfer characteristics of the interface. Fibre push-
out, pull-out, fragmentation tests, and fracture energy
and laser spallation tests have been used [319—322] to
make measurements of interface strength in fibre-rein-
forced composites. The fibre push-out test is a popular
method for characterizing the interface strength in
fibre-reinforced metal- and ceramic-matrix com-
posites. The test measures the stress required to deb-
ond and slide a single fibre through thin wafers of the
composite material. Typical stress—displacement pro-
files for the sapphire—NiAl intermetallic-matrix
1974
Figure 10 Weibull distribution of tensile strength of sapphire fibres
under different conditions: (a) as-received fibre, [6] (d) and fibre
extracted from a pressure-cast sapphire—Ni-based superalloy (Has-
talloy) composite, (m) [318]; (b) fibre extracted from a pressure-cast
sapphire-Ni

3
Al(Ti) composite [262].

composite wafers of different thickness are shown in
Fig. 11 together with debonded interfaces in sapphire-
reinforced NiAl(W), NiAl(Cr) and NiAl(Yb) alloys.
The interfacial shear strength parameters for some
sapphire—NiAl intermetallic-matrix composites are
shown in Table I. Both the composite fabrication
technique and the alloying influence the interfacial
shear strength. The test methodology also influences
the test results (e.g., thermal clamping and bending



Figure 11 (a) Typical load—displacement plots from the fibre push-
out test showing a linear (pseudoelastic) deformation region, a non-
linear (inelastic) region, and a frictional sliding region. Also shown
are proportional shear stress, maximum shear stress and frictional
shear stress. (b)—(d) scanning electron micrographs of debonded
interfaces in (b) sapphire—NiAl(W), (c) sapphire—NiAl(Cr) and (d)
sapphire—NiAl(Yb) composites [270, 271].

TABLE I Interface strength measurements in liquid-phase processed sapphire—NiAl composites using the fibre push-out technique [323]
(the mean shear stress and standard deviation values are listed; the symbol ' preceding a value indicates that some fibres could not be
debonded during the fibre push-out test within the loading capacity of the machine, and the shear stress value is greater than the value shown)

Matrix Fabrication method Interfacial debond shear stress Frictional stress
(MPa) (MPa)

Stoichiometric NiAl Powder cloth 42$21 22$9

Stoichiometric NiAl Zone directional solidification of
powder-cloth feed material

'138$62 27$7

NiAl(Yb) Powder cloth '205$69 126$16

NiAl(Yb) Zone directional solidification of
powder-cloth feed material

67$44 53$41

Stoichiometric NiAl Vacuum induction melting and casting 133$79 48$10

NiAl(Cr) Vacuum induction melting and casting 154$55 72$39

NiAl(Cr) Zone directional solidification of
as cast feed material

'155$41 72$35

NiAl(W) Vacuum induction melting and casting '168$71 41$24

NiAl(W) Zone directional solidification of
as cast feed material

'159$69 28$13
stresses depend upon specimen geometry and test
configuration); experimental measurements coupled
with appropriate stress analyses are, therefore, neces-
sary to estimate the interface strength. Another ap-
proach based upon the measurements of fracture en-
ergy is used to estimate the work ¼

!$
of adhesion

between dissimilar materials [114, 115]. However, as
chemical segregation affects ¼

!$
, and as interfacial
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roughness provides crack shielding and plastic defor-
mation at the interfacial region, the fracture energy
approach is difficult to apply (the method usually
overestimates ¼

!$
).

In summary, the fibre—matrix interface represents
a transition region between two monolithic phases
(fibre and matrix) whose properties (strength, ad-
hesion, chemistry, structure and topological features)
control the stress transfer and load-bearing character-
istics of the material. In spite of the extreme sensitivity
of interfaces to a myriad of material and test variables,
and the inherent thermodynamic instability of interfa-
ces between dissimilar materials, considerable pro-
gress has been made in understanding, modelling and
tailoring the interface at the microstructural, crystallo-
graphic and atomic levels. This progress has resulted
primarily from interactions between processing
science and surface engineering. Future developments
are likely to focus on techniques for in-situ character-
ization of interfaces under service conditions (e.g., in-
situ measurements of interface strength in reactive
environments and/or at elevated temperatures), devel-
opment of criteria for selecting stress-absorbing
compliant layers, prediction and control of fibre
degradation by judicious design of fibre and matrix
chemistries, by surface engineering, and by controlling
fabrication conditions, continued development and
refinement of theoretical models which integrate the
thermodynamics and kinetics of interfaces with their
micromechanical behaviour and, finally, integration of
our understanding of interfacial phenomena into
manufacturing processes for producing composites
with engineered interfaces.
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